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Abstract
We show that the migration process of a 60◦ shuffle dislocation in an
heteroepitaxial Ge/Si0.5Ge0.5(001) system can be analysed by classical
molecular dynamics simulations. By following the misfit segment during its
motion, we build a sequence of strain maps giving detailed information about the
elastic-energy relaxation in the film. The atomic-scale mechanisms underlying
the dislocation motion towards the interface are also monitored, showing, for
instance, that kinks are actually present along the dislocation line.

(Some figures in this article are in colour only in the electronic version)

1. Introduction

Heteroepitaxial systems based on SiGe films on Si(001) are particularly important for recent
microelectronic applications, and the way that the strain originated by the misfit in the lattice
parameters is released via the occurrence of a misfit dislocation network in the film is a critical
issue [1, 2]. In a simple thermodynamic model proposed by Matthews [3] a critical film
thickness hc, depending on misfit, is predicted for the nucleation of dislocations in a coherent
heteroepitaxial film, when the elastic energy produced by the tetragonal distortion of the film
lattice equals the one originated by the dislocation, including the misfit reduction obtained by
removing one atomic plane in the film (see also [4, 5]). Actually, the control of such a process,
preserving the structural quality of the film, is experimentally difficult, and computer-simulated
predictions of the nucleation and migration modalities of dislocations would be rather helpful.
Still, the study of realistic situations is hindered by the large size of the system (hc spans between
100 and 1000 Å for Ge content between 25% and 2.5% [6]) and by the exceedingly long times
for dislocation nucleation and migration. Otherwise very interesting results, concerning in
particular dislocation migration, are already provided for different systems, such as bulk iron
(see [7]).
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Figure 1. Dislocations nucleate as circular loops. Threading arms tend to repel each other, while
the misfit segment migrates towards the interface.

By selecting sufficiently large lattice misfits, i.e. large Ge contents in the film, hc can
actually be reduced to such an extent that the system represented by a critical SiGe film
on a Si substrate with a free surface can be simulated by classical potential molecular
dynamics, for the high dislocation density produced by periodic boundary conditions in the two
dimensions. However, the timescale for activated processes, such as nucleation and migration
of dislocations, is still outside the range of molecular dynamics methods.

In order to overcome such an issue, we propose here the following strategy. First, an
atomistic dislocation segment is created in the simulation cell, close to the surface, by applying
a macroscopic displacement pattern corresponding to the Burgers vector and the set of a
60◦ dislocation, so that the actual core and the strain distribution are obtained by molecular
dynamics simulations. In particular, a shuffle set can be created so that, due to the very small
activation energy for misfit segment migration towards the interface (as promoted by a sizeable
misfit stress), the microscopic motion of the dislocation core and the related strain field can be
followed by additional molecular dynamics runs at a suitable temperature.

In the following we will detail our method and outline our first results for the case
of the Ge/Si0.5Ge0.5(001) heteroepitaxial system, which is elastically equivalent to the
Si0.5Ge0.5/Si(001) case, still allowing for an atomistic analysis of the strain evolution in the
Ge film, with no superposition of the elastic effects created by the compositional disorder.

2. Description of the system and simulation procedure

The most popular dislocations in heteroepitaxial films with the diamond structure are the
60◦ ones, where the angle corresponds to the one formed by the Burgers vector (�b) and
the dislocation line. Therefore, it corresponds to a mixture of pure edge (90◦) and pure
screw (0◦) dislocations. Due to its strong edge component, such extended defects allow for a
significant strain relaxation in the growth plane. At the same time, these dislocations are able
to migrate towards the substrate, progressively relaxing the film, regardless of where they have
nucleated [1, 2].

In real heteroepitaxy, 60◦ dislocations generally nucleate as loops close to the surface:
the dislocation line is initially circular. Due to the strain field, loops increase their radius by
moving along a given glide {111} plane, until they reach the free surface. At this point, the
loop becomes semicircular. As is sketched in figure 1, further evolution driven by the strain
field involves the formation of an almost linear misfit segment, and two threading arms (for a
review, see [8]). Finally, the threading arms repel themselves while the misfit segment becomes
longer, and penetrates deeper into the crystal.

In an advanced state (see the thicker line in figure 1) the threading arms are far apart,
and a linear misfit segment has developed. The threading arms (screw in nature) do not play
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Figure 2. Upper panel: tetrahedral cell used to build our system. Lower panel: conventional cubic
cell.

an important role in the strain release process occurring in the close proximity of the misfit
segment. Dislocation segments are nucleated in a square network along {110} directions,
typically fractions of µm apart for misfit values of 1–2%.

We consider here a Ge/Si0.5Ge0.5(100) system (misfit ∼2%), composed of 63 layers of
Ge, each made of 980 atoms, placed over 18 layers of an ordered Si0.5Ge0.5 alloy, the two
bottom ones frozen to bulk position. The in-plane lattice parameter of the film was set equal to
the Si0.5Ge0.5 one (size of the conventional cubic cell: 5.542 Å), in order to mimic the typical
conditions found in coherent heteroepitaxial structures, i.e. where the film is set to the same
lattice parameter of the substrate. The total number of atoms in our simulation cell is 79 380.
We made use of a tetrahedral unit cell (see figure 2). Periodic boundary conditions were
applied in the [110], [1̄10] and [001] directions. With our lattice parameters, the dimensions
of the cell are (7.84 nm × 19.2 nm × 14.11 nm). Sufficiently large vacuum was placed over
the topmost Ge layer, in order to simulate a free Ge surface. Such a surface was reconstructed
in the (100)(2 × 1) configuration.

In order to describe the atomic interactions, we made use of the Tersoff semiempirical
potentials [9, 10] which are very good for strain analysis, both in the bulk and at the
surface/interface [11]. Due to the long timescales involved, it is impossible to simulate the
nucleation process occurring during realistic growth conditions. As a consequence, we used
a rough procedure in order to introduce a 60◦ dislocation in the film: we rigidly deformed the
epitaxial layer by reproducing the long-range features, i.e. the displacement field compatible
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Figure 3. Initial crystal deformation leading to a 60◦ shuffle dislocation after relaxation. The
crystal is represented as projected onto the {110} plane.

to the Burgers vector �b. Subsequently, we relaxed the system, and we verified that the final
core geometry corresponds to an actual 60◦ dislocation (see next section).

We selected the dislocation line to be along the [110] direction, and �b along the [011]
one, initially at an arbitrarily chosen z0 depth in the Ge layer. The glide plane, defined by the
dislocation line and Burgers vector directions, is the (11̄1) plane starting at z0. In the shuffle
set the glide plane separates two widely distanced {111} planes while in the glide set it divides
two closely distanced ones. In the following we shall describe the behaviour of a shuffle misfit
segment but the method is still valid in order to reproduce a misfit segment in the glide set [12].
The glide plane divides the crystal into two subregions, indicated as A and B in figure 3. In
A, we distorted the crystal by shifting (by ∼1 Å), in the direction of �b, the coordinates of the
atoms lying in the two double {111} planes closest to the glide plane, with z > z0. Similar
displacements were applied to region B , with the only difference being that atoms were shifted
in the opposite direction.

The whole procedure is sketched in figure 3, where the system is displayed as projected
onto the {110} plane. The arrows represent the atomic displacements. Since the shift is in the
[011] direction, there exists also a deformation component in the [110] direction, perpendicular
to the plane of the figure. The deformation induces a step at the surface along the [110] direction
which is parallel to one of the tetrahedral cell sides. Periodic boundary conditions can thus
be safely applied. Notice that such deformation causes the lowering of the atomic density
in {001} planes: an atom is missing in each {001} plane above the dislocation line. Above
z0, thus, atoms laying in {001} planes find more space, and they can rearrange themselves
increasing the effective lattice parameter.

So far we have described the initial deformation introduced in the film. Starting from such
a configuration, we relaxed the simulation cell and we ran several MD simulations.

In our simulations, a time step of 2 fs is used. A standard velocity-rescaling algorithm
allowed us to perform simulated annealing runs, and quench the system to the configurational
minima. In figure 4 we show in detail the thermal cycle that we have used to study the
system evolution, starting from the initial configuration illustrated in figure 3. We increased
the temperature from T = 0 to 700 K linearly in 30 ps. Subsequently, we ran a long (∼0.5 ns)
constant-temperature simulation, saving the atomic configurations every 15 ps corresponding
to different dislocation positions. All such snapshots were quenched back to 0 K, in order
to monitor the actual evolution of the system through different configurational minima. In
particular, for each snapshot, the temperature was decreased from 700 to 0 K in 30 ps first, and
20 ps of 0 K simulation finally were run. In the following, we shall describe the configurations
relative to a subset of such snapshots, representing different dislocation positions (see cycles
(1), (2) and (3) of figure 4).
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Figure 4. Thermal cycle employed to study the system evolution. Cycle (1) consisted of 30 ps of
annealing from 0 to 700 K, 150 ps of MD simulation at 700 K, 30 ps of quenching from 700 to 0 K,
and 20 ps of equilibration at 0 K. Cycles (2) and (3) were analogous, except that a longer (210 and
525 ps respectively) MD simulation time at 700 K was considered.

b

Figure 5. Misfit-segment dislocation core. The additional plane and the dislocation Burgers vector
(�b) are indicated.

3. Dislocation geometry and strain maps

As we shall show here below, our procedure allows us to simulate the correct geometry of a
60◦ shuffle dislocation segment, and the migration of such a segment towards the interface.

Let us start the analysis of our results by looking at the core geometry. Obviously the
core geometry does not depend on the dislocation position. In figure 5, for instance, we report
the result obtained by performing the thermal cycle (1) of figure 4. The core of the misfit-
segment dislocation is shown as projected onto a {110} plane. The extra plane is clearly visible
(encircled in the figure), and the atomic configuration is exactly correspondent to an ideal 60◦
shuffle dislocation [13–15].

As is clear from figure 5, atoms close to the dislocation core are highly distorted from
the ideal diamond positions. In order to quantify this effect, we have computed detailed
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Figure 6. Chromatic map of the εY Y component of the strain tensor for a Ge film on a SiGe
substrate. Black circles do not represent any particular strain value: they are simply used to display
the borders of our cell. The corresponding chromatic scale is reported.

Figure 7. εXY Z strain map.

strain maps. In particular, we have evaluated the strain tensor εα,β at the atomic scale, by
considering the transformation matrix between the ideal and the distorted vectors connecting
the four nearest neighbours of each atom [16]. In order to present our results concerning strain
relaxation, we shall use chromatic maps, where each atom is coloured according to its strain.
Let us first analyse the strain maps relative to the configuration obtained after performing the
cycle (2) of figure 4. In this configuration the dislocation is close to the centre of the Ge layer.
The maps are reported in figures 6 and 7, where the crystal is projected as in figure 3. Due
to the particular orientation of �b ([011]), the deformation induced by the dislocation has its
strongest components in the [001] and [010] directions. Therefore, we have computed the
strain tensor with respect to the conventional cubic cell (see the lower panel of figure 2), so
that εY Y will indicate the diagonal component of the strain tensor along the [010] direction,
and εZ Z the corresponding one in the [001] direction. As a consequence, the most significant
component of the strain tensor is the εY Y one, describing the in-plane lattice relaxation due
to the dislocation. Strain is computed with respect to the ideal lattice parameter of the local
composition, i.e. to the bulk Si0.5Ge0.5 parameter for the substrate and to the bulk Ge parameter
for the epilayer.

In figure 6 the εY Y component is represented. The dislocation line is perpendicular to the
figure. The free Ge surface is located at the top of the figure while the SiGe substrate is at the
bottom. The chromatic scale boundaries are chosen in order to facilitate the understanding of
the main elastic features in the whole system. In particular, red indicates a ∼2% compressive
strain, light blue an absence of strain, while dark blue indicates a small (∼0.5%) expansion.
As expected, we note that the atoms which are located below the dislocation core (which lies
at the boundary between the dark blue region and the red region) are coloured in red, meaning
that the strain remains at a ∼2% value, typical of the pseudomorphic epilayer. One can easily
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Figure 8. Evolution of the εY Y strain component during the dislocation motion towards the
interface. The black arrow indicates the motion direction which occurs along the glide plane.

individualize a small blue region surrounding the dislocation core. Inside this region, Ge atoms
are slightly expanded in the Y direction with respect to the pure Ge lattice parameter. Above
the dislocation, atoms appear coloured in green and yellow, meaning that they are partially
relaxed. A direct calculation of the average residual strain in such a region yields ∼1%.

The reason why relaxation is not complete (only 1%) is easily understood. The �b
component in the Y direction is given by a/2, where a is the Si0.5Ge0.5 lattice parameter. With
our simulation cell, taking into account periodic boundary conditions, this additional space is
distributed among a total length of 49a, thus allowing the system to relax by only ∼1%. In
order to relax the whole 2% lattice mismatch, one should use a much smaller simulation cell.
However, in doing so, due to periodic boundary conditions, the lateral interactions between
adjacent dislocations would become very important, possibly dominating the whole strain-
release process. In real systems, dislocations nucleate randomly at different depths, and, at
least at a first stage, they can be considered as isolated.

In the strain map discussed above, the chromatic scale was set in order to explore the
medium- and long-range elastic effects linked to the presence of the dislocation. However, an
extended scale allows us to reveal interesting short-range effects in the close proximity of the
dislocation core. In figure 7 we report the hydrostatic strain εXY Z = εX X + εY Y + εZ Z , on a
different scale. The analysis of εhy is of particular interest since its value gives an indication
of the average volume distortion. As appears clearly in the figure, the presence of the misfit-
segment dislocation causes the formation of two lobes (red and blue regions), symmetrically
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Figure 9. Total energy of the system (per atom) versus simulation time. After ∼500 ps, the
dislocation reaches the Ge/SiGe interface. To compute the energy, every simulation snapshot was
quenched to 0 K. The energy of the initial configuration is used as a reference.

positioned with respect to the glide plane, with a strong strain gradient. One of them, positioned
at the left of the glide plane in the figure, represents a tensile-strain region, the other one a
compressive-strain one where an additional atomic layer is present (see figure 5). However,
both the compressed lobe and the expanded one have a linear extension of a few nanometres.
This elastic field feature has been already reported for Si0.5Ge0.5/Si(001) films in [17], where
consequent SiGe dealloying in the close proximity of the dislocation core was suggested.

In the next section we shall describe the main issue of the work: the migration of the
dislocation segment monitored at the atomic scale by MD simulations.

4. Migration towards the interface

As we have already pointed out, after nucleation the misfit segment tends to migrate towards
the interface, thus releasing the strain in the film. In our simulations we observe this process
directly. In figure 8 the evolution of the εY Y component of the strain tensor in the whole
simulation is represented. The chromatic scale is the same as that used in figure 6. In the upper
panel (representing the quenched configuration relative to the thermal cycle (1) of figure 4)
the dislocation is still close to the free surface. As a consequence, strain release occurs in
a very limited part of the crystal, as is demonstrated by the wide red region below it. By
proceeding with the annealing time, the core moves downwards (central panel, thermal cycle
(2)), along the glide plane, until it reaches the interface (lower panel, thermal cycle (3)). At
this point, the whole epilayer is relaxed and appears coloured in green (we recall once again
that the system still contains a ∼1% residual strain). It is interesting to note that, as soon as
the Si0.5Ge0.5 interface is reached by the core, a small compressive region is formed in the
Si0.5Ge0.5 substrate.

The energy gain per atom during the whole process is displayed in figure 9, as a function
of the simulation time. The reference energy is set to the one corresponding to the first relaxed
configuration in the thermal cycle of figure 4. Time is taken from the instant where such a
configuration is obtained. Actually, the process includes both the lowering of a small segment
of the dislocation line and kink propagations along the latter.
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Figure 10. Dislocation core evolution between two successive configurations. Atom numbering
is the same.

The local migration of a small segment involves several atoms. A close inspection of a
series of snapshots recorded during the simulation allows us to capture the basic microscopic
processes underlying such motion. In a simplified view, the diffusion mechanism at the atomic
level turns out to be the one represented in figure 10. In moving from the upper panel to the
lower panel of the figure, the dislocation moves towards the SiGe interface by a double atomic
layer. On the plane perpendicular to the dislocation line, 10 atoms are mainly involved in the
mechanism. Atoms 1 and 2 act as a dimer, and make a concerted move involving a broken
bond (displayed by the wiggle in the upper panel of the figure), a rotation and a translation,
which leads to the formation of a new bonds (1–5 bond in the lower panel of the figure). Such
motion also implies a significant stretch of further bonds, such as the 9–10 and the 1–10 ones.
The extra plane glides down by a double plane: atoms 7 and 8 in the lower panel, while, in
order to complete the perfect core structure, the 9–10 dimer (lower) replaces the 1–2 dimer
(upper).

So far we have discussed the behaviour of the atoms in a small segment of the dislocation
line. The migration of the whole misfit dislocation segment can be described as a nucleation
process and a lateral motion of kinks along the dislocation line [14]. Unfortunately, we could
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15 ps after

30 ps after

Figure 11. Three stages of the dislocation motion towards the interface in a crystal section along
the dislocation line. In the first panel two kinks are evident. The segment between them glides
down in the second panel. In the following stage another kink pair is developed. The black line is
used as reference.

not resolve the lateral motion of the kinks at the atomic scale. In fact when we observed the
dislocation line during the high-temperature simulation run, the thermal noise was predominant
and kinks were not unambiguously identified. More information could be obtained by
observing the evolution of the dislocation line from a lateral view in a series of quenched
snapshots (i.e. every 15 ps during the motion). For example, in figure 11 three subsequent
quenched snapshots are reported. The red large circles represent the undercoordinated core
atoms along the dislocation line (atoms 5 or 8 in the core structure following the numbering in
figure 10). Two kinks are present in the first stage, then all the central part of the dislocation
line reaches the double layer below and in the third step again two kinks nucleate and a segment
goes further down towards the interface.

5. Conclusions

In this paper we have presented an atomistic study of a shuffle 60◦ dislocation moving in a
Ge/Si0.5Ge0.5(100) system towards the interface. We initially inserted the misfit segment in
the film by a suitable rigid displacement of the lattice, and evolved the system by molecular
dynamics simulations at 700 K. In particular, we followed the progressive strain release in
the whole film during the motion while observing the underlying elementary atomic-scale
mechanisms. We have individuated the microscopic kinks created at the dislocation line
and we have shown that, within a small portion of the line which is coherently moving, the
elementary atomic motion leading to dislocation gliding can be easily tracked.
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